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Fracture process of superdrawn 
polyoxymethylene fibres 
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Analytical Research Centre of Asahi Chemical Industry Co. Ltd, 2-1 Samejima, 
Fuji, Sizuoka 416, Japan 

A fracture process of superdrawn polyoxymethylene fibres was studied in terms of the 
structural deformation under stress by scanning electron microscopy. The fibrillar structure 
consisted of two structural units showing different stress-fracture behaviour, i.e. one was a 
linear void-chain connected to thin cross-fibrils which was fragile to tensile stress; the other 
was a network of thick fibrils which was very resistant to stress and prevent lateral 
development of void-fracture. Fracture began from a dominant fracture of void-chains 
followed by a fibrillar fracture at the micronecks, i.e. a shear band fracture. This process was 
clearly due to the above fibrillar structure including voids. Void-fracture hardly influenced 
fibrillar fracture, suggesting a possible dependence of the dimensions of the frame fibrils on 
fracture strength. Also, the fracture process clearly included fibrillar slippage and heat 
generation. 

I .  Introduct ion 
Fibrillar structure and the fracture process of highly 
oriented polymer fibres have been studied to explain 
the enhancement and limits in mechanical properties, 
including tensile strength, from various viewpoints, 
such as fracture mechanics, statistical/stochastic 
theory, kinetic rate theory and thermodynamics. A 
fracture theory of materials appeared in Griffith's 
work on the fracture of glass fibres [1], which estab- 
lished linear elastic fracture mechanics for metallic 
materials [2, 3], and was applied to fatigue and creep 
fractures of polymer materials [4]. Polymer fibres are 

ductile or tougher materials different from inorganic 
material. Fracture toughening of fibres has been 
recently interpreted as crack shielding effects [5]. 

An original stochastic approach to polymer frac- 
tures has been introduced in Pierce's weakest link 
hypothesis as the stochastic technique to determine 
defects having a maximum size, i.e. a minimum 
strength, in the distribution of defects linearly linked 
[6]. A statistical/stochastic theory was developed 
using the Weibull model of flaw population [7]. A size 
effect in tensile strength derived from the theory has 
been discussed for Kevlar and ultrahigh molecular 
weight polyethylene (UHMWPE) fibres [8]: 

The mechanism of cavitation leading to ultimate 
fracture of polymer fibres has been discussed in terms 
of the kinetic rate theory and the absolute reaction 
rate theory [9-11]. The approach is based on the 
experimental results of free radical generation during 
fracture, assuming the primary or secondary bond 
scission of tie molecules to cause the formation of 
submicrocracks. The mechanism thus requires the 
dependence of free radicals and microdefects on strain 
and this has been experimentally confirmed [12-14]. 
In addition, the theoretical dependence of time to 

failure on stress, has been applied to creep fracture of 
polymer fibres and explains the experimental results 
well [15-17]. These studies led to an approach for 
obtaining the ultimate tensile strength of perfect fibres, 
which combines the kinetic rate theory and simulation 
of the stress-strain relation using a stochastic Monte 
Carlo process [18]. These approaches are mainly 
based on two assumptions: (1) ultimate fracture occurs 
just when all chains in the cross-section are ruptured; 
(2) the chain scission results from breakage of primary 
and secondary bonds (in the assumptions, the value of 
activation energy for the primary bond is also import- 
ant, but too small compared to the dissociation energy 
of the C-C covalent bond). 

Real fracture is governed by defects generated local- 
ly on the fibre surface. Stress concentration around the 
defects thus does not lead to complete breakage of all 
molecular chain bonds throughout the sample, i.e. the 
fracture process is heterogeneous and includes the 
possibility of slippage of fibrils or molecular chains in 
addition to bond dissociation. Therefore, these ap- 
proaches are not very useful to explain real fibre 
fracture. 

The nucleation theory premising a heterogeneous 
nucleation process [19, 20], may improve the kinetic 
theory, including the above unrealistic assumptions. 
The activation energy for creep fracture of UHMWPE 
fibres obtained according to the nucleation theory, 
was about one-quarter of the C-C covalent bond. It 
was then clarified that strength was mainly deter- 
mined by intermolecular bonds [21]. The dependence 
of tensile strength of UHMWPE fibres on fibrillar 
aspect ratios has also been discussed using a matrix 
model of reinforced materials with the fibrillar struc- 
ture. It was then suggested that strength depended on 
the number of interfibrillar bonds [22]. 
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A thermodynamic approach to fracture is given in 
the theory of phase equilibrium in necking [23], lead- 
ing to the idea of a crystal melt phase transition by a 
tensile load [24]. This idea does not require free 
radical generation of fracture and suggests that the 
fracture of real fibres may be interpreted in terms of 
interfibrillar bond energy. Fracture has also been 
studied by an electron microscopic approach to ob- 
serve structural deformation under compression in 
real time [-25]. Fractography for analysis of the frac- 
ture process of plastics [26, 27] is also effective for 
superdrawn fibres [21, 28-30]. For example, the frac- 
ture of the U H M W P E  fibres has been shown to be 
initiated at surface irregularities such as kink bands 
1-21]. 

A certain theory or hypothesis may be useful for 
discussing the fracture process and ultimate strength 
of the perfect polyethylene fibre, but no theories have 
been proposed to explain well the fracture process and 
ultimate strength of fibres having finite molecular 
weight and imperfect structure, orientation and crys- 
tallinity, because fractures of these fibres are governed 
mostly by various kinds of structural heterogeneities 
or defects such as voids, kink bands, trapped entangle- 
ments, chain ends, misalignment, and the deformation 
of such defects in tension, rather than covalent bonds 
in the chain. The difficulty of analysis of the fracture 
process of real oriented fibres seems mainly to arise 
from (1) a defective fibrillar structure characterized by 
processing [30] and polymer species [31-34], (2) frac- 
ture which does not proceed according to a fixed mode 
but by complex combinations of various processes. 
Accordingly, analysis of the change in fibrillar struc- 
ture under stress is a basis for studying the fracture 
process of real fibres. 

In this paper, the fracture process at the initial stage 
at the surface of superdrawn polyoxymethylene fibres 
is discussed with respect to the deformation of fibrillar 
structure under tension which was examined in detail 
by scanning electron microscopy (SEM). 

2. Experimental procedure 
2.1. Sample preparation 
A highly drawn polyoxymethylene fibre was continu- 
ously prepared by pressurized two-stage drawing us- 
ing an undrawn tube of outer diameter.l.5 mm and 
inner diameter 0.5 mm from acetal homopolymer 
"Tenac 3010" (Asahi Chemical Industry Co. Ltd) and 
followed by completely removing any silicone oil 
adhering to the fibre. The drawing conditions were as 
follows: in the first stage, the vessel length was 12 m, 
the feed speed was 0.5 m min - 1, the draw ratio was 8, 
the drawing temperature was 150~ and the gauge 
pressure was 50 kg cm-1; in the second stage, the 
vessel length was 45 m, the drawing temperature was 
170 ~ the gauge pressure was 200 kg cm 1 and the 
total draw ratio was 30. The details for this procedure 
were previously described [34]. 

A fractured sample was prepared by stretching the 
fibre to fracture at room temperature on an Instron 
tensile testing machine using two stainless reel chucks 
of 160 mm diameter. The sample length (the distance 

3036 

between the centres of the reels) was 200 mm and the 
crosshead speed was 1 mm min-  1. A stretched sample 
was prepared as follows: the fibre was stretched once 
at a crosshead speed of 1 mm min-a to the level of 
80%, 90% or 95% breaking stress, and then the stress 
was removed immediately by raising the crosshead at 
the same speed. 

2.2. S a m p l e  p repa ra t ion  for SEM observation 
The cross-section was prepared in the following way. 
The fibre was cut into pieces ~ 20 mm long, immersed 
in di-glycidyl ether and infiltrated with the liquid by 
degassing under vacuum. The fibre was then immersed 
in the mixed solution consisting of an epoxy resin 
(Oukenn Syouji Co., "EPOC 812") (34 ml), n-methya- 
mine (30 ml) and diglycidyl ether (64 ml) for 24 h, put 
into a gelatine capsule, filled with a portion of the 
mixed solution of the epoxy resin (34 ml), n-methyla- 
mine (30 ml) and tri-dimethyl amino methyl phenol 
(0.96 ml) and perfectly cured at 40 ~ for 72 h. The 
resultant encapsuled fibre was cut in the middle with a 
jigsaw, trimmed in the cross-section of the fibre using a 
razor, smoothed with a glass knife and finished with a 
diamond knife. Next, the cured epoxy resin in the fibre 
was extracted with chloroform for 48 h using a 
Soxhlet's extractor. 

2.3. SEM observation 
The samples were lightly gold coated and examined by 
scanning electron microscopy (Hitachi Seisakusyo 
Co., S-430 operated at 5 kV). 

3. Results and discussion 
3.1. Fibrillar structure 
It is supposed that tensile fracture of superdrawn 
polyoxymethylene fibres will be initiated at the surface 
defects, as has been found for highly oriented 
U H M W P E  fibres [21]. Hence, a fibrillar structure in 
the fibre surface was first investigated. Fig. 1 shows a 
scanning electron micrograph of the surface of the 
original sample with a draw ratio of 30, Young's 
modulus of 59.5 GPa, tensile strength of 1.9 GPa, 
ultimate elongation of 5.5% and void-volume fraction 
of 32%. This shows the uppermost surface to be 
smooth and with few voids, in spite of the high void 
content in the bulk, and also indicates that the struc- 
ture consists of fibrils parallel to the fibre axis, cross- 
fibrils like a ladder around voids which connect the 
neighbouring fibrils, and voids as spaces between the 
cross-fibrils. Fig. 2 shows scanning electron micro- 
graphs of the cross-section near the surface of the same 
sample, which reveals a complex structure of fibrillar 
networks. The network structure is characterized by a 
frame network of thick fibrils (trunk fibril), a sub- 
network of fibrils branching (branch fibril) inside a cell 
unit which forms the frame, and thin cross-fibrils and 
voids in the sub-network, being somewhat similar to 
that of the shells of a muskmelon or the veins of a leaf 
(Fig. 2a). The mean thicknesses of trunk, branch and 
cross-fibrils were approximately 1, 0.3, and 0.05 gm, 



respectively, and the mean diameter of voids about 0.2 
ttm, as shown in Fig. 2b. 

The combination of the surface and cross-sectional 
fibrillar structures also enables one to imagine a three- 
dimensional structure. Voids linking together in the 
longitudinal direction a linear void-chain, existing 
between fibrils, which is regarded as the smallest unit 
of the fibrillar structure or the minimum unit of defect 
structure. Each void in the chain is screened with thick 
fibrils and separated by thin cross-fibrils in directions 
parallel and perpendicular to the fibre axis, respect- 
ively. The void-chains link together along branch 
fibrils to form the sub-network, and the sub-networks 
cohere together in the frame network of trunk fibrils. 
It was also found that the fibre showed a so-called 
skin/core structure, i.e. very dense up to the depth of 

2 gm from the uppermost surface, but porous at a 
more interior point: I t  is due to this dense skin struc- 
ture that few voids are observed in the intact sample 
surface. 

Figure 1 Scanning electron micrograph of the surface of a super- 
drawn POM fibre. 

3.2. Plastic deformation of the fibrillar 
structure 

The deformation behaviour of voids up to tensile frac- 
ture provides some information on the fracture pro- 
cess. To investigate void deformation under stress, the 
applicability of the method to trace a compressive or 
stretching process of high-performance polymer fibres 
at real time [25] was examined. However, the present 

Figure 2 Scanning electron micrographs of the cross-section of a superdrawn POM fibre: (a) cross-section near the fibre surface; (b) cross- 
section at higher magnification. 
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Figure 3 Scanning electron micrographs of the surfaces of stretched superdrawn POM fibres: (a) a stretched sample at 80% breaking strength; 
(b) a stretched sample at 90% breaking strength showing many slender voids; (c) a stretched sample at 90% breaking strength showing a 
fibrillar band just before fracture and an inclined shear band at the root; (d) a stretched sample at 95% breaking strength showing a fractured 
fibrillar band and its striated trace; (e) the opposite fracture surface of the fractured fibrillar band in (d); (f) a striated trace of the fractured 
fibrillar band in (d) at higher magnification. 
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Figure 3. (continued) 

sample is too large in diameter to be stretched by a 
machine. Therefore, attempts were made to observe 
the fibres immediately freed from tension after 
stretching. The technique encompasses the problem 
that the observed void-size is smaller than the true 
size, owing to stress relaxation of fibrils on removal of 
the tension. However, if the fracture can be stopped at 
the level of a minor fracture by load release, informa- 
tion on the initial fracture process can be obtained 
from change in void shape. This was achieved by 
stretching the sample at a low crosshead speed. 

Fig. 3 shows scanning electron micrographs of the 
sample thus obtained. No significant changes were 
found in the surface of the sample stretched under 
tension below 80% breaking strength (Fig. 3a). This 
proves the sample to be highly elastic. At 90%, many 
slender voids parallel to the fibre axis were observed at 
all points on the surface (Fig. 3b), and fibrillar bands 
just before fracture which have an inclined shear band 
at the root were seen in some places (Fig. 3c). At 95% 
stress, fractured fibrillar bands and their striated 
traces were observed in several places, in addition to 
slender voids, but voids or cracks transversally 
stretched were not observed at all (Fig. 3d). The 
opposite fractured surface of the fractured fibrillar 
band in Fig. 3d showed clearly an inclined fracture 
surface resulting from breaking along the inclined 
shear band (Fig. 3e). Such an inclined shear band 
generally appears in necking of polymer materials 
[32]. The angle of the band in the case of unidirec- 
tional stretching, based on the von Mises yield criter- 
ion [35], is 54.7 ~ The angle in the present case was 

50 o, this being within the limits of 50 ~ ~ for the 
usual polymer fibres [36]. 

Fig. 3f shows a scanning electron micrograph of the 
striated trace in Fig. 3d at higher magnification. The 
necking of fibrils and interfibrillar cavities were ob- 
served over the surface. The occurrence of shear bands 
and necking of fibrils indicates that the surface frac- 
ture in the initial stage is mainly due to shear slippage 
of fibrillar bands. The slender voids and interfibrillar 
cavities in the stretched samples were apparently 
formed by stress-rupture of the cross-fibrils separating 
each microfibril of the unstretched sample. The trans- 
formation of the void shape from oval to slender by 
stretching means that void extension occurs mainly on 
the fibre axis in the initial stage, or that stress concen- 
tration is generated along the fibrillar surface. 

3.3. F r a c t o g r a p h y  
Fig. 4 shows scanning electron micrographs of the 
fractured sample surfaces. The fractured tip split into 
small fibrils (Fig. 4a) and was curled in appearance, 
where no voids were observed (Fig. 4b). The splitting 
of fibrils reached to ~ 50 mm below the top. The curl 
at the tip was observed over large sectional areas. The 
shape and size of defects also changed depending on 
the distance from the top: at a position several tens of 
micrometres from the top, m a n y  microvoids were 
found between the macrofibrils; at a position several 
hundreds of micrometres from the top, many slender 
cavities of ~ 5 jam long and ~ 1 jam wide were seen 
between the fibrils; below several tens of millimetres 
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Figure 4 Scanning electron micrographs of the surface of a fractured superdrawn POM fibre: (a) a fractured fibre tip showing a split of fibrils; 
(b) a fractured fibre tip at higher magnification showing a curl of fibrils and no voids. 

from the top, many oval macrovoids were observed in 
the fibre; and at a greater distance below, buckling 
slantingly crossing the surface of the sample was seen. 

It is supposed that the split at the tip, slender 
cavities and macrovoids, are due to the applied tensile 
stress and also a recoil force when the stress is released 
by a moment of fracture. The buckling arises from the 
recoil force, because no buckling was observed before 
fracture. The occurrence of curled fibrils at the tip 
clearly reveals the fibrils to melt during fracture, i.e. 
the generation of heat. The curl was observed in 
almost all sample tips, suggesting that the phenom- 
enon occurs over the cross-section rather than at a 
local point on the surface. The same phenomenon has 
been observed for the superdrawn U H M W P E  [21, 
28], and has been predicted theoretically [24]. 

The problem of whether the melt is either the main 
cause or the result of fracture, is important in the study 
of the fracture phenomenon from basic viewpoints. 
Necking of fibrils just before fracture may suggest heat 
generation to result from the elastic strain energy 
release in the Griffith theory. However, the problem 
cannot be solved by only the present experiment, 
because the fracture in the present case includes other 
possibilities such as phase transition of crystal to melt 
phase, friction due to shear slippage of fibrils or 
molecular chains, bond rupture of molecular chains, 
other processes or combinations of these. The prob- 
lem remains unresolved at present. 
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3.4. Fracture process 
In the case of superdrawn polyoxymethylene fibrillar 
fibres, the following fracture process is assumed, on 
the basis of characteristics of fibrillar structure and 
deformation behaviour of voids in tension. An applied 
tensile stress attacks the weakest place in the fibre 
structure, i.e. a void chain as a structural unit of 
defects, then dominantly tears cross-fibrils as chains in 
the void chain, resulting in the generation of macro- 
voids. The growth of microvoids proceeds in the fibre 
direction, because thin cross-fibrils, being less resistant 
to the vertical stress, are dominantly broken rather 
than the thick fibrils which are much more resistant to 
the stress; in other words, the microfracture is vertical- 
ly transmitted through the breakage of the void chain, 
rather than that of the fibril network in which a much 
larger stress is required to pierce the thick wall. The 
network plays the role of stress resistance which pre- 
vents lateral development of voids by the thick wall 
for a short while, as predicted in the theoretical invest- 
igation on toughening mechanisms of fibre-reinforced 
materials [5]. This is the reason why the trans- 
formation of microvoids into slender macrovoids was 
observed before fracture. 

The deformation of fibrils is almost elastic under 
tension below 80% breaking strength but leaves a 
permanent strain over the tension, i.e. as longitudinal 
slender voids and cavities at ~ 90%. A greater tension 
of ~ 95% continuously breaks several fibrillar 



networks, i.e. generates a local scission across fibrillar 
bands. Phenomenologically, the local scission results 
from fracture of fibrils occurring at necking, where 
slipping of the fibrils largely contributes to the frac- 
ture, because a lack of cross-fibrils connecting the 
neighbouring fibrils facilitates easy fibrillar slippage. 
At a greater tension, local breakage in the fibre surface 
occurs rapidly to the inside, resulting in a catastrophic 
fracture at maximum stress. 

The internal fracture is also supposed to proceed by 
the same process as on the surface, suggesting a 
possible dependence of fracture strength on the void 
size and content. However, the strength of the present 
fibre was almost independent of these parameters, i.e. 
levelled off above a draw ratio of 22, as previously 
reported [37]. This probably arises due to the follow- 
ing two conditions: (1) breakage of voids is transmit- 
ted only in the fibre direction until the fracture begins, 
which is almost independent of the fracture of fibrils 
parallel to the fibre axis, i.e. strength mainly depends 
on the thickness of the fibrils; (2) the number of 
molecular chains which contributes to the strength, i.e. 
the number of fibrils slipping and/or tie molecular 
chains per cross-sectional areas, is leveled off in the 
range of high draw ratios. 

The first condition will be attained by the fact that 
the maximum diameter of voids included in the un- 
stretched drawn fibre is about one-fifth smaller than 
the thickness of the trunk fibril as the frame holding 
the fibrillar structure. According to Griffith's theory 
and weakest link hypothesis, strength is determined by 
the critical length of the crack and the concentration 
which can be experimentally obtained. In the present 
case, the critical diameter of voids was ~ 1.1 lam from 
the previous result [37], which is comparable to the 
thickness of the trunk fibril. 

This does not ignore the role of branch fibrils in the 
fracture process. The thickness of branch fibrils is 
about six times larger than that of cross-fibrils and 
comparable to void size. Therefore, fracture of branch 
fibrils follows the breakage of void chains and con- 
tinues up to the onset of fracture from the frame 
network. In other words, a sub-network of branch 
fibrils inside the frame network contributes to homo- 
geneous dispersion of applied stress and prevention of 
lateral cracking due to cavities. The second condition 
is not confirmed at present. Levelling the number of tie 
molecules has been reported with superdrawn POM 
fibres prepared by a microwave heating/drawing pro- 
cess [38, 39]. 

However, slippage of fibrils also clearly occurred in 
the present case. Therefore, the fracture presumably 
proceeds by a combined process of fibrillar slippage 
and chain breakage. To obtain greater understanding 
of the tensile strength, an investigation of the effects of 
fibrillar size on strength is currently in progress. 

surmised based on the experimental results, and the 
following points were elucidated. 

1. Fibrillar structure is formed with a complex 
fibrillar network which consists of fibrils parallel to 
the fibre axis, cross-fibrils like a ladder between the 
fibrils and void chains connected to cross-fibrils in the 
fibre direction. The network is characterized by a 
frame network of thick fibrils, a sub-network of fibrils 
branching inside a cell unit which forms the frame, and 
thin cross-fibrils and voids in the sub-network. Each 
void is screened with thick fibrils and separated by 
thin cross-fibrils in directions parallel and perpendicu- 
lar to the fibre axis, respectively. Also, the fibrillar 
structure shows a skin/core structure consisting of a 
dense skin layer at the uppermost surface and a 
porous core at a more interior point. 

2. The fibrillar structure shows different deforma- 
tion behaviour depending on the number of stretching 
stages; the deformation of the structure was almost 
elastic up to 80% breaking strength, produced by an 
inclined shear band at ~ 90%, and the breakage of the 
fibrillar band along the shear band on the surface at 
~95%.  This arises due to the characteristic fibrillar 
structure, i.e. the linear void chain (a structural unit of 
defects) is fragile against tensile stress owing to the 
thin cross-fibrils being the linking element, but the 
network of fibrils is very resistant to stress and pre- 
vents lateral development of voids by the thick wall. 
The fracture of void chains is almost independent of 
the fracture of fibrillar bands, because no lateral 
cracking resulting from void fracture occurs even in 
"the stage of ultimate fibre fracture. 

3. Tensile fracture of superdrawn POM fbres oc- 
curs according to the following successive processes: 
(a) in the initial stage, the void chain breaks domi- 
nantly in the fibre direction, resulting in slender 
macrovoids, leading to cavities between the fibrils. In 
this stage, the thick fibrils do not fracture, but yield to 
necking; (b) at a greater tension, the fibrils fracture at 
the neck, causing a fracture of fibrillar bands on the 
surface, i.e. a shear-band fracture; (c) the surface frac- 
ture develops rapidly to the inside, leading to ultimate 
fracture. In these processes, a fracture of void chains 
has little influence on the fibrillar fracture, suggesting 
the dimension of frame fibrils to be the main factor of 
tensile strength. 

These types of fracture behaviour are well explained 
by several characteristics of the defect structure, i.e. 
linear void chains, stress-deformation behaviour in 
which void fractures are dominantly transmitted in 
the longitudinal direction but not in the lateral direc- 
tion, and the extremely small void size compared to 
the critical diameter of the voids for stress-cracking, 
which is comparable to the thickness of the frame 
fibrils. In addition, the slippage of fibrils and the 
generation of heat clearly occur during this fracture. 

4. Conclusions 
A fibrillar structure, its deformation under tension and 
the appearance of the fracture surface of superdrawn 
polyoxymethylene fibres were examined using scan- 
ning electron microscopy. A fracture process was then 
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